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Magnesium (Mg) and its alloys, as the lightest structural materials, are very attractive
for a range of weight sensitive applications, such as aircraft engine, transportation industry
and so on. However, their further applications are limited due to the weak properties, such
as the low strength and poor ductility. In recent years, advanced techniques aiming at the
modification of the microstructures, have been developed to promote the properties of Mg
and its alloys, such as modifying the texture, refining the grain size, forming the
intermetallic phase, and introducing the interfaces or stacking faults into the systems.
Constructing Mg/Nb multilayers, which introduces a high density of interfaces into the
system, is one of the most promising techniques to improve mechanical properties. The
corresponding mechanism gives the direction for the improvement of this technique. In this
study, a comprehensive literature review related to Mg/Nb multilayers is first summarized
and studied. Then, the interface structures and the network of interfacial dislocations were
determined by the atomically informed Frank-Bilby (AIFB) method. With Molecular
Dynamics (MD) simulation, it has been found that Mg/Nb interfaces remain stable during
deformation while {101" 2} twinning is the dominant deformation mode in Mg layers when
the Mg/Nb multilayer is subjected to compressive loading along [101" 0] direction in Mg.
Abnormally, {101" 2} twinning is accomplished by BP transformation, which leads to
considerable yield strength, high hardening rate, and significant back stress in nearby layers.
All the factors explain the superior mechanical properties of Mg/Nb multilayers.
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Chapter 1 Literature review
1.1 Background
Magnesium (Mg), as the lightest structural metallic material, is approximately 34 %
lighter than aluminum (Al) and 50 % lighter than titanium (Ti). The density of Mg is only
1.738 g/cm3 which is much smaller than that of Al (2.7 g/cm3 ) and Ti (4.506 g/cm3 ). Mg
can be exploited sufficiently due to its abundant reserves in both of the earth’s crust and
seawater. In 1808, Sir Humphrey Davy first isolated Mg by electrolyzing Mg oxide
(magnesia, MgO) and mercuric oxide (HgO). In recent decades, protecting the environment
draws more and more attention and reducing the weight of facilities becomes necessary in
manufacture industries. Thus, lightweight materials have become promising, and their
extensive applications are being expected especially in the airplane industry and
automobile industry. Cast Mg alloys have, over the past decade, been increasingly used as
structural components. The high strength-to-weight ratio (158 kN·m/kg) of Mg alloys [2]
have made them tend to be adopted in applications which require a lightweight yet resilient
material. For example, an Mg alloy chassis encased in a hardened plastic shell modem is
designed for professional camera bodies and convenient handling, which takes advantage
of the lightweight property to produce a light but high strength frame in order to protect
the optics and electronics. It is foreseeable that the application of Mg alloys in camera
bodies can be tested and eventually promoted to various areas with the aim of remarkably
improving our daily life. It also can be imagined that continuous improvement of Mg alloys’
properties will motivate the production of light and stable structures that play an essential
role in engineering and transportation. In automobiles, Mg alloy frames were employed,
and the Mg engine blocks and paddle shifters were continued still for many years. The
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engines, such as cylinder walls and cooling jackets, are widely produced by using hightemperature Mg alloy blocks. The technique by integration of Mg alloy parts into the
automobile and aircraft lowers the pollution and the damage to the environment, and thus,
exhibits greater fuel eﬃciency. Besides its lightweight property, Mg and its alloys also have
some other advantages such as excellent specific strength and significant damping capacity
which is as much as ten times greater than steel, titanium, or aluminum. Also, this implies
its great ability to absorb vibration. In addition, Mg and its alloys also present remarkable
dimensional stability and excellent electrical properties, which make Mg and its alloys
much more attractive and then increase applications in laptops, mobile phones, and other
electronic components. Due to Mg’s comparable strength to steel- and aluminum-based
alloys, it is a promising alternative to these alloys as shown in Figure 1.1.

Figure 1.1 Ashby plots of strength vs density for different metals and metallic alloys [3].
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1.2 Structure of Mg crystal
The microstructure of Mg is close to the ideal close-packed hexagonal (HCP)
structure, with the c/a ratio of 1.623 and an ABAB... stacking sequence along the direction
normal to the basal plane (0001). For one unit cell, the sides are perpendicular to the base,
thus α = β = 90° . The base has a diamond (hexagonal) shape corresponding with γ = 120° .
Table 1.1 lists some physical properties of Mg. There are two atoms associated with each
primitive unit cell, one located at (0, 0, 0), and the other one located at ( 2⁄3 , 1⁄3 , 1⁄2 )
[7]. Different from a cubic structure, the four-axis system, named the Miller-Bravais
indices, is usually utilized to index HCP structures, which are based on vectors a1 , a2 , a3 ,
and c. In principle, a3 = -(a1 +a2 ). The 3-index system, Miller indices, can be obtained
from Figure 1.2(a), where illustrates the Bravais lattice in an HCP structure. The basis
vectors within the Bravais lattice are set up as a1 , a2 and c , where a1 //[21" 1" 0] ,
a2 //[1" 21" 0] and c//[0001]. To identify the symmetry property of the hexagonal structure,
the Miller-Bravais indices, by using the 4-index system, are employed, as shown in Figure
1.2(b). The basis vectors are established as a1 //[21" 1" 0], a2 //[1" 21" 0], a3 //[1" 1" 20] and
c//[0001]. M43 is defined as the transformation matrix from a 4-index system to a 3-index
system, which means that Miller indices of crystallographic directions can be obtained by
using a transformation matrix M43

2
= 31
0

1
2
0

0
04 and Miller-Bravais indices. M67 is
1

referred to as the transformation matrix from the Miller indices to the indices of
crystallographic directions expressed in orthonormal coordinate system, where M3O =
√3⁄2
8 - 1⁄2
0

0
1
0

0
0 :. In the orthonormal coordinate system, x-axis is along [101" 0], y-axis
c⁄a
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is along [1" 21" 0] and z-axis is along [0001]. Then, the directional transformation matrix
MO , from orthonormal coordinate to Miller-Bravais indices system, is conducted to be
√3
𝑀< = 8 0
0

√3⁄2 0
3⁄2
0 : which equals to the dot product of M43 and M3O .
0
c⁄a

Figure 1.2 Index systems in HCP structure. (a) Bravais lattice; (b) Miller-Bravais system.
1.3 Deformation modes in HCP Mg
1.3.1 Slip
In materials with hexagonal structure, there are five common slip systems, including
basal 〈a〉 slip {0001}〈112" 0〉 , prismatic 〈a〉 slip {101" 0}〈12" 10〉 , pyramidal 〈a〉 slip
{101" 1}〈12" 10〉 , pyramidal 〈c+a〉 slip {101" 1}〈112" 3" 〉 , and pyramidal 〈c+a〉 slip
{112" 2}〈112" 3" 〉. As depicted in Figure 1.3, the planes in red are referred as to the slip planes,
and the red arrows are referred as to the slip directions. Different activities, corresponding
to different slip systems, are exhibited in hexagonal structure materials with various c/a
ratios, leading to the formation of distinct textures during wrought processes. For example,
the basal texture in Mg, whose structure is mostly close to the ideal hexagonal structure, is
created via the basal 〈a〉 slip {0001}〈112" 0〉 system [4-6]. However, the dominating
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prismatic 〈a〉 slip {101" 0}〈12" 10〉 and basal 〈a〉 slip {0001}〈112" 0〉 assist the texture
with basal poles tilted from the normal direction (ND) to the transverse direction (TD) in
the zirconium and titanium materials, while pyramidal 〈c+a〉 slip {112" 2}〈112" 3" 〉 and
basal 〈a〉 slip {0001}〈112" 0〉 are essential for the constituent with basal poles tilted from
the ND towards the rolling direction (RD) in cadmium and zinc. The most easily activated
system in Mg is the basal 〈a〉 slip due to the lowest critical resolved shear stress (CRSS),
which is experimentally determined to be 29 MPa by performing in-situ compression of
micro-pillars [7]. It can be easily explained by the stable dissociation of 〈a〉-dislocations
in the basal planes [8]. Basal slip can occur along three directions, such as [21" 1" 0], [1" 21" 0]
and [1" 1" 20], as presented in Figure. 1.3(a). Only two of them are independent. Similarly,
there are three prismatic 〈a〉 slip planes, and each one can only glide along one 〈a〉
direction. Corresponding parameters are listed in Table 1.1. Both basal and prismatic 〈a〉
slip cannot accommodate the strain in the 〈c〉 direction so that non-basal slip plays an
important role in the arbitrary shape change for the Mg crystal. Prismatic 〈a〉 slip is one
of the two types of non-basal slip in theory, in which the first order prismatic plane is
{101" 0} and the second order slip plane is {112" 0}. On the {101" 0} plane, the dislocations
can glide along 〈12" 10〉 and 〈c〉 directions, while on the {112" 0} plane, the dislocations
glide along 〈11" 00〉 and 〈c〉 directions. However, the mobility of dislocations on both
prismatic planes along the 〈c〉 direction is weak. The participation of twinning and
pyramidal slip is required during the plastic deformation to offer the strain in the 〈c〉
direction of the crystal. There are two possible pyramidal slip planes, i.e., the first order
pyramidal plane {101" 1} and the second order slip plane {112" 2}. The slip direction that
includes 〈c〉 components for these two pyramidal planes is along 〈112" 3" 〉 direction. In
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HCP system, the basal 〈a〉 slip {0001}〈112" 0〉 has the lowest CRSS, while the other slips
have much higher CRSS. For an arbitrary shape change, five independent slip systems are
needed to be activated according to the Taylor criteria, revealing that twinning largely
influences the plastic deformation of Mg.

Figure 1.3 Main slip systems in Mg. (a) Basal {0001}〈a〉 slip; (b) Prismatic {101" 0}〈𝒂〉
slip; (c) Pyramidal {101" 1}〈a〉 and 〈c+a〉 slip; (d) Pyramidal {112" 2}〈c+a〉 slip.
1.3.2 Twinning
During the plastic deformation in the HCP-structured metals, twinning is required to
compete with 〈c+a〉 slip to accommodate the strain along the 〈c〉 -axis due to the
insufficient independent slip systems. Figure 1.4 presented the schematic diagram of the
twinning elements which are the twinning characteristics [9]. The twinning process occurs
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along the twinning direction on a twinning plane, which reorients the crystal around a
specific axis with respect to the matrix. Consequently, a new domain with a different
orientation is produced, which is the twin crystal. In the new domain (twin crystal), further
slip and/or twinning, that are unfavorable in the parent grain may be facilitated, which is
the secondary slip or twinning inside the twin. The twinning operation is achieved through
the displacements of atoms. The classical deformation twinning theory indicates that
twinning is developed by a pure shear of the lattice points in a particular direction. The
newly-produced crystal remains in contact with its matrix at the interface when the twin
forms, which indicates that the plane of the interface does not experience deformation and
rotation when the lattice reorients from the initial points to the final positions [9]. This
plane is an invariant plane, which is referred to as K1 plane. The corresponding shear
direction is called η1 . Another plane, K2 does not experience distortion but rotation. The
plane, including η1 and the normal of the K1 plane, is the shear plane P. The conjugate
shear direction η2 represents the intersection between the plane P and the plane K2 .
According to the characteristics of these parameters, three types of twins can be obtained,
including Type I (K1 and η2 are rational); Type II (K2 and η1 are rational); and Type Ⅲ
(compound twins, the four parameters K1, K2, η1, and η2 are all rational). For Type I, the
twinning operation can be completed by a reflection with respect to K1 . For Type II, it can
be done by a rotation of 180° around η1. For compound twins, the above operations are
both applicable. Twinning being a mode of deformation, the primary characteristic is that
the pure shear causes the shape change so that a twin can be identified as a pure shear of
the parent lattice induced reoriented region.
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Figure 1.4 Twinning essential elements [9].
Table 1.1 lists the common twinning systems in Mg and its alloys, and the
corresponding parameters associated with the twinning systems. The c/a ratios of the
crystal affect twinning activities in HCP metals.
Table 1.1 Dominated twinning systems in Mg and the corresponding parameters.
𝐊𝟏
𝛈𝟏

𝐊𝟐
𝛈𝟐

Shear
strain

Misorientation
axis

Misorientation
angle

Compression
twinning

{101" 1}
〈101" 2" 〉

{1" 013}
〈3" 032" 〉

0.09

〈1" 21" 0〉

~57°

Extension
twinning

{101" 2}
〈1" 011〉

{1" 012}
〈101" 1〉

0.18

〈1" 21" 0〉

~85°

Type

The relation between the c⁄a ratio for HCP-structured crystals and the related
common twinning systems are plotted in Figure 1.5, where the filled symbol indicates that
the twin mode is an active mode [10]. Take {101" 2} twinning as an example to show the
effect of the c⁄a ratio on the twinning mechanism. For Mg, Ti and all other metals with
c⁄a < √3, the shear of (101" 2) twinning happens along [1" 011], which leads to the result
that it is an extension twin in these metals. However, for zinc and cadmium with c⁄a > √3,
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the shear direction is along [101" 1" ], revealing that it is a compression twin for both zinc
and cadmium.
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Figure 1.5 Variation of twinning shear with the axial ratio for the seven hexagonal metals
[10].
Three

twinning

planes

in

Mg

are

depicted

in
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Figure 1.(a), which presents the (101" 2) extension twinning plane, (101" 1) and
(101" 3)compression twinning planes. Among them, {101" 2}〈1" 011〉 extension twin is the
most common one in Mg due to a quite low CRSS [11]. Due to the polar feature of
deformation twinning and the strong texture of wrought Mg [12], {101" 2}〈1" 011〉 extension
twinning is favored by compression perpendicular to the c-axis of the crystal or by tension
parallel to the c-axis [13]. Consequently, the twinned region for a {101" 2}〈1" 011〉 twin is
rotated by 86.3° with respect to the 〈1" 21" 0〉-axis, as displayed in Figure 1.6(b), where the
twinning plane is shown in red. The orientation of the twin can also be obtained by rotating
the matrix around the normal of the twinning plane. It is reported that the twinned region
can recover to its initial orientation when reversal loading is applied [14], which is called
detwinning and happens under low stresses condition. As the cycles increase, the
proportion of twins that are unable to de-twin significantly increases. For example, the
number of residual twins increases [11].
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Figure 1.6 An HCP crystal lattice showing the twinning planes. (a) Common twinning
systems in Mg; (b) An illustration figure showing a grain and a {101" 2} twin.
Extension twinning and compression twinning produce a positive strain and a
negative component along the c -axis of the matrix grain, respectively. Mechanical
properties, including ductility and strength, must be taken into consideration during
application. Strength is employed to describe the ability of materials to withstand an
applied stress without failure. The yielding strength represents the stress that the material
initiates plastic deformation, before which, reversible elastic deformation undergoes and
will recover when the applied stress is removed. It is usually associated with the initiation
of dislocation motion. Once the yield point is reached, plastic deformation will happen and
keep permanent within the material. Cubic crystals exhibit high symmetry, which enables
them to have five independent easy dislocation slip systems to accommodate arbitrary
shape changes at relatively low stresses. However, the insufficient number of independent
slip systems and the easy slip only along 〈a〉 direction require alternative activation and
competition between twinning and pyramidal slips to happen, which can offer deformation
along the 〈𝐜〉 direction of the crystal. Although Mg and its alloys are attractive and had
the potential to replace the widely-used aluminum and steels in many regions, their poor
workability and relatively low ductility restrict their applications as a structural material.
In order to develop the excellent mechanical performances in Mg and its alloys, it is
inevitable to systematically investigate the role of twinning and slip in deformation and
improve the properties through the design of the microstructure.
1.4 Methods for improving properties of Mg
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With the aim of improving Mg and Mg-based alloys’ poor properties, such as low
strength, inadequate plasticity and ductility, microstructure modification principles, like
refining the grain size, controlling the texture, and preparing the nanoscale multilayered
structure, are all proved to be the practical methods to develop the materials.
1.4.1 Microstructure control
Several methods can be considered in order to achieve the production of Mg and its
alloys with desirable properties, such as controlling the grain size, introducing elements
into the matrix, increasing the interaction between dislocations and so on. For Mg alloys,
their mechanical properties are closely related to their processing technique and
composition which substantially affect their microstructures such as texture, grain size, and
structures. Based on the tensile test results and microstructure observations of Mg-rare
earth (Nd, Ce, and La) alloys, Chia et al. [4] indicated that the formation of intermetallic,
originating from the addition of alloying elements, caused an improvement of strength and
a decrease in elongation. It was also presented that the formation of Mg3Nd showed a much
better yield strength but relatively poorer elongation compared with that of Mg12Re
intermetallic. For a multicomponent Mg alloy with lower stacking fault energy, Jian et al.
[5] produced an ultra-strong hot rolled Mg-8.5Gd-2.3Y-1.8Ag-0.4Zr alloy. The uniform
elongation and yield strength of this alloy were 575 MPa and 5.2 % respectively. These
enhanced comprehensive mechanical properties were related to the unique microstructure
of the high-density nano-spaced stacking faults inside the grains. These nano-spaced
stacking faults could inhibit the movement of dislocations and retain the strain hardening.
Also, there were no basal dislocations activated during the tensile tests which caused the
improvement of ductility. Because the mechanical properties of Mg alloy were depended
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on their texture, a large number of researches paid attention to the relationships between
the processing techniques and the texture modification. By controlling the ratio between
the diameter of the upper roll and that of lower roll, Kim et al. [7] prepared an AZ31 Mg
alloy with a gradient texture structure by asymmetric rolling. In such a rolled Mg alloy, the
intensity of the {0001} basal textures, from top to bottom regions through the normal
direction of the sheets, gradually decreased. Chino et al. [1] performed the cross-roll
processing technic by tilting the roll axis with a deviation angle of 7.5° against the
transverse direction in the rolling direction-transverse direction plane on AZ31 Mg alloy
at 433 - 493 K. The results indicated that the samples prepared by the cross-rolling process
had much better press formability compared with that of normal-rolled samples at all
testing temperatures. The enhanced press formability of the samples was found to be
caused by the formation of a series of textures by the cross-rolling process, which
significantly reduced the strain anisotropy along both the thickness and the width direction
by activating prismatic 〈a〉 slip and pyramidal 〈c+a〉 slip. Except for the formability, the
texture also largely affected the work hardening of the Mg alloys. For instance, Valle et al.
[6] investigated the work hardening of AM60 samples. The results presented that AM60
alloy would show stage II of work hardening if the basal planes and the tensile axis form
an angle of 45°. However, the basal texture, which was formed in the rolled sample,
suppressed stage II and developed a linear stage III of work hardening from the initial of
deformation, which was considered to be the enforcement of prismatic slip. This result was
attributed to the enhanced dynamic recovery and dislocation storage by increasing the
angular difference between the ideal orientation and the basal planes. Moreover, the
mechanical properties of the Mg alloys were also affected by grain size. The effects of the
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grain size ranging from 13-140 µm within AZ31B alloy on the tensile properties showed
that the yield stress could be predicted well by the Hall-Petch law [2]. By characterizing
the γ-value, it also revealed that the strain anisotropy had little relation with the grain size,
which indicated that the activity of the twinning and slip mechanisms was not greatly
affected by the grain size in the AZ31B alloy. With further decreasing the grain size, the
deformation mode of wrought Mg-3Al-1Zn alloy with the grain size between 3 and 22 µm
was then examined under the compressive conditions [3]. It was discovered that compared
to the grain size which was larger than 10 µm, the Hall-Petch slope conducted from smaller
grains was much lower. This result indicated a transformation from a twinning-dominated
deformation mechanism to a slip-dominated deformation mechanism while the grain size
decreased. Valle et al. [6] further presented that with the decrease of the grain size the grain
boundaries played a remarkable role in the plastic deformation behavior. Additionally, they
pointed out that by considering the effect of texture, the grain sizes locating between the
range of 10 – 20 µm were the optimal conditions to improve the ductility at the room
temperature, and then the texture would be favorable for the basal slip in the Mg alloys.
1.4.2 Laminate structure design
Designing and fabricating nanoscale multilayers are also extensively employed to
enhance the strength and deformability of metallic materials. Laminate is a material which
consists of layers/laminae bonded together. For this kind of material, the thickness for each
layer/laminate is much smaller than the dimensions in length and width, for which it can
be considered as a state of plane stress where the stresses and strains normal to the
interfaces can be ignored. Ultrafine microstructure materials often exhibit novel or
enhanced properties compared to bulk materials. The strengthening mechanism of
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laminates for each layer at a microscopic scale is principally different from that at a
macroscopic scale. There are two types of laminates at the microscopic scale:
microlaminates and nanolaminates. There is a critical individual layer thickness LJ to
distinguish microlaminates and nanolaminates. LJ is the layer thickness for which the
deformation mechanism is changed in the laminates. The laminates, whose thickness is less
than LJ , are referred to as nanolaminates. For most materials, it falls into the range of
10 - 50 nm. Compared with nanolaminates, the ratio of layer thickness to the grain size in
the microlaminates is much higher. So the mechanics in the microlaminates can be
regarded as continuum mechanics, which has no relationship with the action of dislocations.
In the nanolaminated structures, the high-density interfaces are introduced into the
materials, leading to the modification of the properties. The relationship between layer
thickness and the corresponding strength indicates that different mechanisms of dislocation
motion occur associated with various thicknesses of the layer in the materials. The range
of thickness for nanolaminates can be divided into three parts: when the thickness of an
individual layer is greater than one hundred nanometers, the deformation mechanism obeys
a dislocation pile-up mechanism; when the sublayer thickness is between several
nanometers and one hundred nanometers, the deformation mechanism follows a confined
layer slip (CLS) mechanism; And when the thickness for each layer is smaller than several
nanometers, the interface dislocation is subjected to the mechanism that a single dislocation
comes across the interface. For the dislocation pile-up mechanism, the relation between the
strength and the layer thickness accepts the Hall-Petch law. There are several kinds of
laminates based on the constituent materials: metal-metal, metal-intermetallic, ceramicceramic, metal-ceramic, metal-amorphous, and so on. Laminates are extremely attractive
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in engineering applications due to their excellent strength and toughness. Desirable
properties can be achieved from laminates by modifying the structure and microstructure.
It should be mentioned that interfaces play a notable role in improving laminates’
properties.
Laminates consisting of different components have been investigated to indicate
their deformation mechanism associated with the introduced interfaces. Suppression of
twinning boundaries was reported in Zr/Nb multilayers [15]. Based on homogenization, a
combination of prismatic slip and anomalous basal slips was reported to happen in Zr by
using the method of the crystal plasticity finite element. With the same method, primary
{110}〈111〉 slip and secondary {112}〈111〉 slip were also detected in Nb [16]. Mg/Nb
multilayers were proposed to be a system that could effectively enhance the ductility and
strength in Mg. Recently, Mg/Nb multilayers at the nanoscopic scale have been extensively
studied. Concerning the Mg/Nb multilayers at the nanoscale, Mg exhibits both the bodycentered-cubic (BCC) phase and the hexagonal-close-packed (HCP) phase associated with
thickness for the individual layers. The crystal structure for Mg, whose thickness is less
than 5 nm, tends to be a BCC structure [5, 6] while an HCP phase is preferred when the
layer thickness becomes larger [7]. Pathak et al. [8] indicated that when the individual layer
thicknesses within the Mg/Nb multilayer were about 50 nm, the orientation of Mg and Nb
was {0001} Mg //{110}Nb . These experimental results indicated that with a larger thickness,
the semi-coherent interface would be formed by Nb with a BCC crystal structure and Mg
with an HCP crystal structure instead of BCC-structured Mg. Furthermore, the density
functional theory (DFT) simulation [7] also proved that BCC-structured Mg was preferred
only under the condition that the Nb layer was coherent with the Mg layer. The HCP phase
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would form if the Mg layer had a semi-coherent structure. When the layer thickness was
smaller than 25 nm, the hardness of the Mg/Nb multilayers was measured to approach a
plateau with a peak value of 2.7 GPa [17]. This value was much larger than that of pure
Mg and Mg alloys that have been found [6]. With the aim of understanding the underlying
deformation mechanisms of Mg/Nb multilayers, molecular dynamics (MD) simulation
were applied in many studies. The interfaces with the Kurdjumov-Sachs (KS) orientation
relationship (OR) interface have been observed experimentally [1, 17]. Figure 1.7 shows
the model of interaction between a dislocation within the Nb layer and HCP-structured Mg,
both of which are perfect crystals [18]. It could be seen that the (110) plane in Nb was
parallel to the (0001) plane in Mg. Within the interface, the x-axis was set along [11" 00]
in Mg and [11" 2] in Nb, and the z-axis was arranged along [112" 0] in Mg and [1" 11] in
Nb. The y-axis was built along the direction of the cross product of the corresponding z
and x-axes, which was perpendicular to the interface planes. The shear strength, based on
the interaction between the dislocation and the Mg/Nb interface, was investigated. The
results indicated that the shear strength associated with the shear direction was in the range
of 0.9 to 1.3 GPa, and with the mixed character lattice dislocation approaching the interface,
there would be a core spreading out of the pyramidal I slip plane into the Mg.
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Figure 1.7 MD Model of Mb/Nb multilayer [19].
Considering that the BCC structure could provide more active slip systems than the
HCP structure at ambient temperature, it can be concluded that the ductility in BCCstructured Mg is better than that in HCP-structured Mg. It was found that the stability of
the BCC-structured Mg layer could be enhanced by designing a sandwiched structure with
BCC/BCC interfaces in the Mg/Nb multilayer when the thickness for each layer was
smaller than 5 nm [9, 10]. With the goal of finding the evidence in experiments, in-situ
transmission electron microscope (TEM) is regarded as a useful tool to observe
deformation mechanisms in the laminates [20]. According to the studies on the underlying
deformation mechanisms of Mg/Nb multilayers with a BCC/BCC interfaces, it was
determined that the severe plastic deformation appeared in the BCC-structured Mg. As
shown in Figure 1.8, the reversible phase transformation between HCP and BCC were
detected in the Mg layer of Mg/Nb laminate during loading and unloading through the insitu TEM observation.
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Figure 1.8 TEM images of Mg/Nb laminate. (a) TEM snapshot and (a’) HRTEM and FFT
image of Mg layer under compression stress; (b) TEM snapshot and (b’) HRTEM and
FFT image of Mg layer under unload condition [20].
Figure 1.8(a) displayed the snapshot of the TEM image of Mg/Nb laminate under
compression stress. The TEM image, shown in Figure 1.8(a’) from the part of Figure 1.8(a),
indicated that the structure of Mg was a BCC structure. Figure 1.8(b’) further presented the
HRTEM image and FFT image of Mg layer under unloading condition, which was obtained
from the same observation area in Figure 1.8(a), leading to the result that the structure of
Mg layer was HCP. Also, the reasons for enhanced ductility of BCC-structured Mg could
be the more activatable slip systems occurred when it was compared with HCP-structured
Mg and the phase transformation from BCC to HCP structure in the Mg layers.
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Chapter 2 Characterization of Interface Dislocation in Mg/Nb Multilayers
2.1 Atomistic Simulation
2.1.1 Mg-Nb interatomic potential
The potential functions provide information about the interaction of atoms in the
system. Moreover, it can be divided into three different types based on the method of how
the function is concluded, empirical potential functions, semi-empirical potential, and abinitio Molecular dynamics (MD) simulation. The total energy of a metal can be calculated
by the embedded-atom method [21], whose concept is based on local density. The total
energy is represented by the equation [22]

E = L Ei
i

where

Ei =

1
L VMrij N+F(ni )
2
j(≠i)

In this equation, rij represents the distance between atom i and atom j, VMrijN is
referred to as the pair interatomic potential between these two atoms; F(ni ) is defined as
the embedding energy function for atom i’s total ‘atomic density’ ni which is achieved
from the surroundings and supposed to have the form of

ni = L ρMrij N ,
j(≠i)

and ρ(r) represents the ‘atomic density’ for an isolated atom.
From the total energy, several fundamental properties, the equilibrium lattice
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parameter, elastic modulus, cohesive energy, and vacancy formation energy, can be
obtained [21]. Also, it is reliable to calculate energy for bulk materials, model crystal
thermodynamics, identify crystal defects, as well as apply to liquids.
The empirical and ab initio methods based on the pseudo-potential method were
employed to get the physical properties of Mg. From the calculation, the crystal properties
compared with the experimental data are presented in Table 2.1.
Table 2.1. Properties of Mg.
a

c/a

Ec

B

C11

C12

C13

C33

C44

Å

ratio

eV/atom

Mbar

Mbar

Mbar

Mbar

Mbar

Mbar

Experiment

3.196

1.623

1.51

0.369

0.635

0.260

0.217

0.665

0.184

EAM
model

3.206

1.623

1.52

0.367

0.618

0.259

0.219

0.675

0.182

Unit

The interatomic potential for Nb was concluded based on electron gas calculations
on dimers with adding a core term [23]. From the calculations, it could be determined that
the equilibrium lattice parameter is about 3.3088 Å.
The Mg/Nb potential was constructed by embedded atom method (EAM) potentials
consisting of Mg potential and Nb potential. The Mg/Nb structure is studied by relaxing a
bi-crystal structure which is subject to stresses and forces. The Mg/Nb Morse interaction
potential ∅MgNb (r) is described by the equation [24]
∅MgNb (r) = LD M1-eαDMr-QD N N-LD
For this equation, Morse interaction potential between Mg and Nb atom ∅MgNb (r)
has a relationship with the interatomic distance r between Mg and Nb atoms, where LD ,
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αD , and QD are three constants from fitting curves. The rcut is defined as the cut-off
distance, which makes both the modified interaction potential function, as well as its first
derivative, be zero.

∅mod
MgNb (r) = ∅MgNb (r)-∅MgNb (rcut )+(

rcut
r s d∅MgNb
)[1-(
) ](
)
s
rcut
dr
r = rcut

In the above equation, s is the slope from fitting linear equation ECoh = s*X+b,
where X is the atomic position in the coordination. The transformation does not affect any
single element potential but the interaction between two different atoms which requires
three additional constants h, hNb and kNb , i.e., Mg and Nb. Importantly, the potential
between the Mg atom and the Nb atom can only be influenced by the ratio of kMg to kNb .
Ftrans (ni ) = F(ni)+hni
∅trans (r) = ∅(r)-2hρ(r)
ρtrans (r) = kρ(r)
Ftrans (ni) = F(ni /k)
2.1.2 Molecular dynamics simulations for Mg/Nb multilayers
To better understand the materials’ properties related to microstructure and
microscopic interaction between molecules, the method of molecular dynamics (MD)
simulations were employed [25]. The principle for molecular dynamics simulation is to
mimic an atom’s motion under a given potential energy function environment. The
principle of MD simulation is using conjugate gradient energy minimization and empirical
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interatomic potentials. The basic theory of MD simulation is Newton’s second law which
can only be solved numerically [26].
mi ẍ i = Fi
where

Fi = -

∂
u
∂xi

This equation is referred as to potential energy function, showing the relationship
between the empirical interatomic potential u(xi ) for atom i and the resulting force F
applying on it. And then the motion of the atoms can be concluded by Newton’s second
law. As a result, MD simulation provides us with information about the movement for each
atom and its momentum at all times. For the model size and time period, the MD simulation
model contains a finite-sized molecular configuration, and its runs are achieved step by
step with a relatively short period, no more than a few femtoseconds (10-15 s) for each step.
In each step, the forces are calculated by using the potential field and moving the
corresponding atomic displacement a little bit. Molecular dynamics can be applied to
various materials, such as complex fluids (liquid crystals, ionic liquids, fluid interfaces),
polymers, solids, and biomolecules. Also, multiple fundamental studies can also be solved
by using MD simulation, for example, equilibration, kinetics theory, diffusion, and sizedependent effects. In addition, MD simulation can also study complex systems, such as
phase transformation, collective behavior, fluid dynamics and so on. Based on the materials
systems or research purpose, different factors are required to be added to fundamental
theory, such as the periodic boundary condition, constraints conditions, and force fields.
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The relaxed equilibrium Mg/Nb bi-crystal structure with interfaces was achieved by
MD simulation with empirical interatomic potential for Mg, Nb, and Mb-Nb based on the
embedded-atom method. Figure 2.1 showed the Schematic of the MD simulation model.

Figure 2.1 Schematic of simulation cells [1].
Between the close-packed plane of Mg {0001} and Nb {110} , two common
orientation relationships of interfaces, the Nishiyama-Wassermann (NW) orientation
relation and the Kurdjumov-Sachs (KS) orientation relation, were observed [1, 17, 27]. The
condition that (0001) in Mg is parallel to {110} in Nb satisfies both NW and KS
orientation relations. For the NW orientation relationship, one of the 〈1" 100〉 within the
{0001} plane for Mg is parallel to the 〈110〉 within the {110} plane for Nb. For the KS
orientation relationship, one of the 〈1" 1" 20〉 within the (0001) plane for Mg was parallel
to the 〈111〉 within the {110} plane for Nb. The Mg/Nb bi-crystal structure was
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constructed with periodic boundary conditions within the interface. The model dimensions
depended on the required properties. The y-axis was arranged to be along the direction
normal to the interface. With the aim of simulating the response of bulk materials, two
semi-rigid boundaries on each side of the crystals with a fixed region of 2-nm thickness
were constructed. During the relaxation process, all atoms except the one located at the
semi-fixed region were able to translate along the three-axis directions but constrained
from rotating around the y-axis. The translation of the atoms was driven by the net forces
acting along the interface and the normal to the interface. The bi-crystal structures were
relaxed under T = 10 K for 100 ps and then quenched. The relaxation process would stop
when the force acting on each atom was no more than 5 pN.
2.2 Characterizing interface dislocations with AIFB
The combination method of the classical Frank-bilby (FB) theory and atomistic
simulation is referred to as the atomically informed Frank-Bilby (AIFB) method. If only
FB method is employed, due to the uncertainty of the chosen reference lattice, it is
impossible to find out the actual interface dislocations and the corresponding
characteristics, such as dislocation sets, line sense, and corresponding Burgers vector for
each set of dislocations, and the spacing between two dislocations, even though the burgers
X⃗(pX⃗) can be conducted. Atomistic simulation has an ability to identify the
vector content XB
dislocation line sense and spacing, while it is insufficient to provide the quantitative
information for the interface dislocations for the disturbance of the interface dislocation
interaction. By combining these two methods, the new method AIFB – not only overcomes
the weaknesses of each method but also provides an accurate and effective way to
determine the interface dislocation and the corresponding characteristics.
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The principle of the Frank-Bilby method is rooted in the conception of “wellmatching”, which means the pairing atoms in two crystals are perfectly matched into a
commensurate lattice within the interface. Assuming that both distortion transformation
matrices from natural lattice to common lattice are homogeneous, the matrix for material
-1
A is defined as T-1
X⃗ is
A and the matrix for material B is represented by TB . The vector p

referred to as an arbitrary vector within the interface between the two crystals and initiated
from origin O, as shown in Figure 2.2(a). When the natural lattice is mapped into the
coherent lattice, the vector pX⃗ is mapped to be TZ-1 pX⃗ for material A, and T-1
X⃗ for material
Bp
B in the coherent lattice. Comparing the same circuit in the natural lattice and the coherent
lattice both of which are provided in Figure 2.2, it indicates that the circuit does not close
in the coherent lattice.

Figure 2.2 Burgers circuits. The burgers circuit created in the (a) NDP and (b) CDP.
In order to complete the circuit in the coherent interface structure, an additional
X⃗ is required, which is regarded as the Burgers vector of the interfacial dislocation.
vector XB
-1
X⃗(pX⃗) = (T-1
B
X⃗
A -TB )p
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Based on Knowles’ theory [28], the Burgers vector XB⃗(pX⃗) defined in the coherent
lattice can also be expressed as
N

X⃗(pX⃗) = L (
B
i=1

nX⃗×ξXX⃗i
∙pX⃗) XX⃗
bi
di

In this equation, nX⃗ represents the normal to the interface plane. The equation
suggests that the Burgers vector content consists of N sets of discrete interface dislocations
with Burgers vector XX⃗
bi , line sense XX⃗
ξi and spacing di for each one.
Since this method is a pure geometrical analysis for lattice transformation, it is not
sufficient to provide details about the characteristics of dislocations. Therefore, introducing
atomistic simulation into the identifying interface dislocations method is significantly
necessary.
The way to distinguish different orientation relationships within the same interface
is to identify the interface dislocations or disconnections and their characteristics. For the
lattice misfits within the interface, the necessary strains are imposed into both crystals in
order to form a coherent reference configuration, during which the interface dislocations
are introduced into the unstrained states for both layers. In this case, such interface
dislocations are sometimes regarded as anti-coherency or misfit dislocations [29]. It is
necessary to minimize these periodicity strains since the stresses originated from them have
an influence on the interface energies and then change the corresponding behavior.
Since a coherent structure may be the most energetically favorable interface, it is
essential to conclude the coherent structure within the interface. A boundary unit cell (BUC)
is defined as an interface plane with a periodic site lattice. For an interface structure
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constructed by different crystal structures or structures with great lattice parameter
differences, additional strains applied to both crystal structures along the interfaces are
necessary to build a super BUC between the two different materials, because there is no
coincident site and periodic conditions along the interfaces within the initial interface
structure [30].
The coherency of the interface structure can be achieved by applying strain to both
crystals within the interface to get atom-to-atom matching. The magnitude of strains
imposed onto two structures may be different, but the signs for the two strains are opposite.
B B
The optimal strain can be developed from the four requirements [29]: (1) hA σA
ij = h σij ,
A
B B
M
M M
A
B
(2) aA
ij Mεij +1N = aij Mεij +1N, (3) σ22 = σ22 = 0, and (4) σij = cijkl εkl . In these equations,

hx is referred to as the thickness for material x; σxij is referred to as the stress formed by
the imposed strain with the interface for material x; axij and εxij are the original dimension
and imposed strain along the ij-direction for material x; cxijkl is the stiffness tensor for
material x. Equation (1) represents the force equilibrium equation, and it can be concluded
that when the thicknesses for two crystals are the same, i.e., hA = hB , the stresses are
identical along the same directions within the interface for the two crystals. The equation
(3), providing with boundary conditions along the y-direction, aims to reduce the total
energy within the structure. To employ the equation (4), which is the Hooke’s law for
material M, the calculation can be simplified based on the assumption that the elastic
constants are isotropic for each material and they are also the same for these two materials
in the bi-crystal structure. This can lead to the conclusion that the strain ratio between the
two materials is the same as the corresponding stress ratio between two materials in the
same direction. Combined with equation (1), the strains for two crystals are the same along
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the opposite directions. According to the equation (2), strain coherency conditions, the
B
strain along ij direction can be obtained where aA
ij and aij represent the unit length in A

and B crystals along the same direction ij.
For the purpose of characterizing the interface dislocations, the analysis of
disregistry is employed. In this method, the pairs of atoms across the interfaces are
identified. Before applying this method, three kinds of interface structure are clarified first
[1], natural dichromatic pattern (NDP), coherent dichromatic pattern (CDP), and rotated
commensurate/coherent dichromatic pattern (RCDP). NDP represents perfect crystal
structures on the two sides of the interfaces, CDP is referred to as a reference lattice with
a common lattice parameter for the interface structure, and RNDP is achieved merely by
rotating about the direction normal to the interface from the NDP structure. Some vector
CDP
fields are also employed to assist in characterizing interface dislocations. rUnR
ij , rij , and

rRlx
are applied to characterize the relative displacement from the position of atom i to
ij
the corresponding pair, atom j, in the unrelaxed interface structure, reference interface
structure, and relaxed interface structure, respectively. And the vector rU-R
suggests the
ij
displacement based on the change from a natural dichromatic pattern to a coherent
dichromatic pattern which can be described by the equation rU-R
= rUnR
- rCDP
ij
ij
ij , while the
vector rR-C
represents the displacement according to the deformation from a relaxed
ij
structure to a coherent interface structures which can be achieved by the relation rR-C
ij =
CDP
rRlx
ij - rij . The former vector provides with the consistently continued arrangement of the

interface Burgers vectors along a given vector, and the latter one is not consistent. Besides,
R-U
UnR
the vector rR-U
= rRlx
ij - rij , illustrates the relative displacement
ij , with the form of rij
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from a relaxed structure to an unrelaxed structure, another non-consistently continued
distribution. Most importantly, it acts a pivotal part in the formation of discrete dislocations
within the interface. In one BUG region, the net vector for rR-U
is zero, and it plays a
ij
crucial role in the disregistry analysis. Disregistry vectors represent the result of relative
movement for paired atoms in two different configurations.
With the aim of the interface dislocations characterization, necessary steps are taken
as follows [31].
(1) Create a trial reference lattice. Two types of interface structures, the interface
structure with mismatch and the interface structure with mismatch and twist, are described.
λx and λz , which are two unknown parameters, are required to demonstrate the geometric
proportion of the mismatch strain for bi-crystal interface structure without twist; while one
additional parameter λβ is needed to illustrate the relative twist angle within the interface
between the upper and lower structures.
(2) Based on the trial reference lattice constructed in step (1), the distortion matrices
TA and TB relative to the trial reference lattice in each material are calculated. The
transformation matrices from natural dichromatic pattern to trial reference lattice T-1
A and
T-1
B can also be concluded as the inverse matrices of TA and TB .
(3) According to the distortion matrices obtained above, the possible Burgers vectors
within the interface can be conducted. The Burgers vector lines are assumed to have single
lattice vector or consist of several lattice vectors in the commensurate dichromatic pattern.
(4) From the atomistic simulation, the interfacial lines identified are regarded as the
dislocations within the interface, which report that the actual line sense. Besides, the actual
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spacing for interface dislocations must agree with that achieved from the atomistic
simulation.
(5) The Burgers vector of dislocations obtained from the geometry analysis is
compared with that from the atomistic simulation. If they are not consistent, the trial
parameters λx , λz , and λβ need to be adjusted until the dislocations are the same for both
methods.
(6) If there is not only one set of dislocation line observed from the atomistic
simulation, it turns out that the Frank-Bilby equation can’t be candidly applied. The
dislocation line senses and Burgers vectors can be achieved by assigning one dislocation
observed from the atomistic simulation to the Frank-Bilby equation. And then the resulting
dislocations need to be compared with the real dislocations from the atomistic simulation.
If they are not consistent, the dislocation lines are reassigned and the whole procedure is
repeated.
2.3 Interface structure
2.3.1 Coherent structure of Mg/Nb interfaces
The interface plane (0001) in Mg donates a plane stacking as ABABABA….
When Nb and Mg are laminated together with (0001)Mg paralleling (1" 1" 0)Nb , there is
three possible stacking sequences along the direction normal to the interfaces: (1)
C(Nb)B(Mg)A(Mg)…

is

referred

to

as

the

FCC

stacking

sequence,

(B)

A(Nb)B(Mg)A(Mg)... is referred to as stacking fault (SF), and (C) B(Nb)B(Mg)A(Mg)...
is referred to as the high-energy stacking fault (HESF). The interface energy is carried out
by deducting the coherent energy and the elastic energy from the total energy. In order to
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find the stacking fault energy profile within the commensurate interface structure, MD
method was employed.
With the aim of achieving an optimal coherent interface structure, the minimization
of strain for both crystals was required. For the Mg/Nb bi-crystal with NW interface,
[011" 0] in Mg and [1" 10] in Nb were set along the x-axis, and [21" 1" 0] in Mg and [002]
in Nb were set along the z-axis. To satisfy the requirements for coherency, the magnitudes
of strain along the x-axis were calculated to be about 8.5418 %, and 1.5779 % strain was
required to apply to the z-axis. The final periodic dimensions were approximately 40.6 Å
with 8 periodicity-lengths in both Mg and Nb crystals along the x-axis and 39.1 Å with
12 periodicity-lengths along the z-axis. The periodic conditions were employed to the x
and z-directions. And the thickness of each crystal was about 6.5 nm with a 1-nmthickness fixed region on both sides away from the interface for the bi-crystal structure.
The γ-surface energy defined by V.Vitek [32] was related, considering the relative shift of
one side of the crystal with respect to another side along the interface plane. During the
relaxation, the Nb crystal was moved relative to the Mg crystal along x and z directions
within the interface, the dimension being 0.2 Å for each step. The atoms in the structure
were fixed within the interface and were only permitted to translate along the y-axis.
Figure 2.3 shows the different stacking sequence within the Mg/Nb interface. The
calculation results from the MD simulation reported that there were only two stable
coherent interface structures -- the SF structure and FCC structure (see Figure 2.4) and
further determined that the surface energies for these two stacking sequences be about 217
mJ/m2 and 216 mJ/m2 , respectively.
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Figure 2.3. Possible coherent structures within the Mg/Nb interface.

Figure 2.4 Stacking fault energy profile within coherent Mg/Nb interface [1].
The interface energy for the high energy stacking fault was about 1004 mJ/m2 ,
which represented that it was a metastable coherent structure. From the calculation, it could
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be concluded that the interface structure was more likely to be the SF structure and FCC
structure, which showed that the Nb atom preferred to stay at positions A and C instead of
B. Therefore, to achieve more energetically favorable interface structures, it was partial
dislocations rather than full dislocations that were applied within the interface.
2.3.2 Dislocation structures on Mg/Nb interface
2.3.2.1 Classical Frank-Bilby Theory
For Mg/Nb interfaces, the NW orientation relationship doesn’t involve twist while
the KS orientation relationship involves twist, which means the NW orientation
relationship requires two unknown parameters λMg and λNb to describe the dislocations
along the interface while the KS orientation relationship requires one more parameter λβ
to describe the twist angle between the Mg and Nb interface.
There are six lattice sites for each crystal. The commensurate dichromatic pattern
can be obtained by introducing two distortion matrices from the natural dichromatic pattern
-1
T-1
Mg for Mg and TNb for Nb, as shown in Figure 2.5.

Figure 2.5 CDP and NDP in Mg/Nb interface with (a) NW OR and (b) KS OR.
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Two unknown parameters λx and λz are needed to be introduced into the natural
dichromatic pattern to form the commensurate dichromatic pattern.
Firstly, the six lattice sites in the natural dichromatic pattern for Mg and Nb are
depicted in Figure 2.6. And the corresponding atom positions are listed in Table 2.2.

Figure 2.6 Mg and Nb atoms in the natural dichromatic pattern.
Table 2.2 Atom positions for Mg and Nb in the natural dichromatic pattern.
Position

1

2

3

4

5

6

x

N

0

-N

-N

0

N

z

M

2M

M

-M

-2M

M

x

n

0

-n

-n

0

n

z

m

2m

m

-m

-2m

-m

Mg

Nb

In this table, N =

√3
2

1

aMg , M = 2 aMg , n =

√2
2

1

aNb , and m = 2 aNb , which are all

presented in Figure 2.6. For atoms in the commensurate dichromatic pattern, the atom
positions for these six lattice sites are conducted, as recorded in Table 2.3.
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Table 2.3 Atom positions for Mg and Nb in the commensurate dichromatic pattern.
1

2

3

4

5

6

x

n + λx ∆x

0

-n - λx ∆x

-n - λx ∆x

0

n + λx ∆x

z

m - λz

∆z
2

2m - λz ∆z

m - λz

∆z
2

∆x is determined by ∆x = N - n =

−m + λz
√3
2

aMg -

∆z
2

√2
2

-2m + λz ∆z

−m + λz

∆z
2

aNb , and ∆z is defined as

∆z = 2(m - M) = aNb - aMg , both of which are consistent with the notations in Figure 2.5.
To achieve the coherency within the interface, the transformation matrices T_` and Tab
related to the mismatch strain from NDP to CDP along the x and z directions, are
required, which is conducted as
n + λx (N - n)
N
TMg = c
0

0
m - λz (m - M)
M

d,

n + λx (N - n)
0
n
d;
TNb = c
m - λz (m - M)
0
m
Compared with NW OR, the interface structure with KS OR requires one more
rotation matrix SR (i) which is related to the relative twist angle between Mg and Nb.
cos fβNb + λβ gβMg - βNb hi
SR (i) = c
sin fβNb + λβ gβMg - βNb hi
The possible vector lines can be described as

- sin fβNb + λβ gβMg - βNb hi
cos fβNb + λβ gβMg - βNb hi

d C(i)
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bI = [n + λx (N - n), m - λz (m - M)]
bII = [-n - λx (N-n), m - λz (m - M)]
bIII = [0, -m + λz (m - M)]
The Burgers vectors of possible partial dislocations can be described as
2
pI = [ (n + λx (N - n)), 0]
3
1
pII = [- (n + λx (N - n)), m - λz (m - M)]
3
1
pIII = [- (n + λx (N - n)), -(m - λz (m - M))]
3
For KS OR, the possible Burgers vector for twist is

cos fβNb + λβ gβMg - βNb hi - sin fβNb + λβ gβMg - βNb hi
d b(i)
bR (i) = c
sin fβNb + λβ gβMg - βNb hi cos fβNb + λβ gβMg - βNb hi
The possible partial dislocations for twist Burgers vectors can be described as

cos fβNb + λβ gβMg - βNb hi - sin fβNb + λβ gβMg - βNb hi
d p(i)
pR (i) = c
sin fβNb + λβ gβMg - βNb hi cos fβNb + λβ gβMg - βNb hi
2.3.2.2 Atomistic Simulation
To further identify the actual dislocations and corresponding characteristics,
molecular dynamics was employed. For the molecular structure construction, the interface
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plane was created by (0001)Mg //{110}Nb . The dimensions along these two directions were
determined by the principle of minimization of the elastic strain. The interface with NW
OR was chosen. Within the Mg/Nb interface, [011" 0] in Mg and [1" 10] in Nb were set
along the x-direction with a dimension of 8.876 nm, while [21" 1" 0] in Mg and [002] in
Nb were arranged along the z-direction with a dimension of 9.92 nm. The number of
periodic units for Mg and Nb were 16 and 19 along the x-direction and 31 and 30 along
the z-direction. The y-axis was along the directions normal to the interface for both
crystals, and the dimension for each one was 10 nm with a 2-nm-thickness region fixed at
two sides away from the interface to mimic the effect of bulk materials and decrease the
boundary effect on the interface. Periodic boundary condition was adopted by the x and
z-axes within the interface. During the relaxation, the atoms except the one located at the
fixed regions were allowed to move along the three-axis directions but restrained from
rotating around the direction normal to the interface. The Mg/Nb bi-crystal structure was
firstly relaxed under the condition of T = 10 K for 100 ps and then under the
temperature of 10 K until the maximum force applying to each atom was no more than
5×10-6 N.
Figure 2.7 shows an unrelaxed and relaxed interface structure with NW OR. The
unrelaxed interface structure, shown in Figure 2.7(a), indicates that there were high energy
stacking fault regions which were periodically aligned along the x and z directions, as
highlighted with orange ellipses. Besides, it also shows that the super boundary unit cell
was identified with a rectangular shape in the unrelaxed interface structure, within which
four orange ellipses were located at four vertexes and one was situated at the center of the
rectangle. After relaxation, the shape and area of the BUC did not change while the region
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of the high energy stacking fault shrunk to be a node (see Figure 2.7(b),). Most importantly,
six stable coherent interface structures, FCC stacking sequence and stacking sequence
arranged alternatively around the node, were presented. Therefore, the formation of FCC
and SF interface structures between the Mg/Nb bi-crystal indicates that there must be
partial dislocations rather than full dislocations within the interfaces.

Figure 2.7 Interface structures before (a) and after (b) relaxation [1].
For the purpose of identifying the interface dislocations, the disregistry analysis was
employed. The disregistry plot of relative displacement from an unrelaxed structure to a
relaxed structure rR-U
is presented in Figure 2.8(a). The green lines in this plot are related
ij
to the formation of discrete dislocations. From the analysis, it shows that there were three
sets of dislocation lines, as shown with green lines, ξ1 , ξ2 , and ξ3 . Dislocation line ξ1
was normal to the x-direction, dislocation line ξ2 had an angle about 73° respecting to
the x -direction, and dislocation line ξ3 had an angle about 107° relative to the x direction. To further characterize the interface dislocation, two probe vectors were set to
R-C
be along x and z -axes, and the relative displacements rU-C
and rR-U
were
ij , rij
ij

conducted along these two vectors respectively. Figure 2.8(b) presented the vector rU-C
ij
and rR-C
along the x-direction when the position was at z = 0, from which it suggested
ij
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that the former vector was a uniformly continuous displacement while the latter one was a
non-uniformly continuous displacement. To better understand the property of dislocation
position and core width, the disregistry vector rR-U
was plotted based on the difference
ij
between rR-C
and rU-C
ij
ij , as shown in Figure 2.8(c). From this figure, it can be seen that
rR-U
was also a discontinuous displacement. The dislocations cannot be determined
ij
directly from the displacement, because it represents a summation of all dislocations in one
position. For the dislocation line ξ1 , the spacing between two dislocations was about 1.47
nm. By using the same method, the average spacing for dislocation lines ξ2 and ξ3 was
about 2.81 nm. To further identify the line senses and Burgers vector for these three sets
of dislocations, the local shear displacement, from CDP to six relaxed coherent regions in
one BUG, is provided in Figure 2.8(d).

Figure 2.8 Disregistry analyses of Mg/Nb interfaces after relaxation [1]. (a) Disregistry
plot of Mg/Nb interface; Disregistry vectors (b) rU-C
and rR-C
and (c) rR-U
along xij
ij
ij
axis; (d) Disregistry plots in one BUG and the corresponding schematic of interface
dislocation characterization.
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Moreover, it can be seen that the shear displacements within each coherent region
were the same, one shared Burgers vector within one coherent region. This result leads to
the conclusion that a dislocation loop assisted in the formation of a coherent structure.
Compared with Figure 2.5(a), it can be identified that there were six distinct partial
dislocation loops, pI , pII , pIII, -pI , -pII, and -pIII, which are labeled in Figure 2.9(a). The
full dislocations, b1 , b2 , and b3 , are shown in Figure 2.9(b), which were formed by the
interaction between these partial dislocations. The Burgers vector, dislocation line sense,
and core width were determined by applying atomistic simulation. The two presumed
constants λx and λz were corrected to be λx = 0.5 and λz = 1 based on the F-B
equation.
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Chapter 3 Deformation mechanism in Mg/Nb Multilayers
Interfaces, such as grain boundaries and interphase interfaces, play multiple roles in
mechanical properties which lead to high strength and good ductility. They can act as
sources of nucleating plastic deformation carriers, barriers of hindering the spread of these
carriers, and approved sites for reassembly, reaction and storage (which could result in
recovery) of interface defects [33, 34]. The Mg/Nb multilayers are composed of two
dissimilar materials. Consequently, there is an inherent discontinuity of slip planes and slip
vectors between the two materials, resulting in relatively hard slip transmission. Moreover,
the existence of interfaces would influence the active slip systems in the individual layer
due to the well-defined crystallography orientation. Some slip modes might be favored,
and others might be hindered. Besides slips, twinning is the other governing deformation
mode in both Mg and Nb. In Mg, twinning compensates the scarcity of easy slip systems
and accommodates the plasticity along the 〈c〉 -axis. For example, {101" 2} or {101" 1}
twinning modes are often observed when Mg is subject to tension or compression along
the 〈c〉 axis. In Nb, {112} twinning is often observed. Compared with {101" 2} twinning
in Mg, {112} twinning in Nb is much more difficult. From above, the Mg/Nb structure
definitely have influence on mechanical properties, such as, Mg/Nb multilayers of which
individual layer thickness is approximately 3 – 200 nm were deposited with the direct
current magnetic sputtering method [17], and it showed that when the layers’ thickness was
around several nanometers the hardness of the multilayers reached a high value around 0.8
GPa leading to a superior mechanical structure of the multilayers. However, the plastic
deformation mechanisms in the Mg/Nb multilayers were still not clarified.
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To uncover the mechanism of deformation in the Mg/Nb multilayers, the possible
slip transmissions based on crystallography analysis were first concluded. Schmid factors
of different slip systems were calculated subject to several simple loading conditions, and
easily activated slip systems were summarized. In the second part, the twinning process in
Mg nanolayers in Mg/Nb multilayers was demonstrated and then the nucleation,
propagation, and growth mechanisms of twins were studied which were associated with
Mg/Nb interfaces.
3.1 Slip transmission
The crystallography of the layers (see Figure 3.1) demonstrates the slip systems
within the structure with interfaces. The slip systems in Mg and Nb respectively were
shown in the section 1.3.1. To illustrate the slip transmissibility across the interface
between materials, two factors, slip continuity and Schmid factor associated with stress
were employed [34].

Figure 3.1 The crystallography of slip across interface.
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The slip transmissibility can be related to the geometrical relationship between two
adjacent layers. To determine the transmission pathway from one crystal to the other, slip
continuity, a geometrical factor, was used which was associated with the Burgers vectors
and slip systems in the two adjacent crystals.
Besides, the slip transmissibility was also related to the applied stress and energy
barriers that were required to overcome when dislocation slipped from one crystal to the
other, which could be represented by the Schmid factor. During deformation, Schmid
factors and critical resolved shear stress are two crucial factors that reveal the chances to
activate different deformation modes in Mg and Nb. Here, three simple loading conditions,
including (1) normal stress perpendicular to (0001) plane in Mg; (2) normal stress along
[12" 10] direction in Mg and (3) normal stress along [101" 0] direction in Mg were assumed
to be applied to the Mg/Nb multilayer. The orientation relationship in the Mg/Nb
multilayers is summarized in Table 3.1.
Table 3.1 Orientation Relationship in Mg/Nb multilayers.
Relation
NW

KS

X
Y
Z
X
Y
Z

Mg
[1" 100]
[0001]
[1" 1" 20]
[1" 100]
[0001]
[1" 1" 20]

Nb
[110]
[1" 10]
[001]
[21" 1" ]
[011" ]
[111]

The active slip systems in magnesium with HCP crystal structure are the basal
(0001)〈12" 10〉 slip system and non-basal {101" 0}〈12" 10〉 slip system. It is widely accepted
that the basal slip system is more easily activated while the non-basal slip system was
merely detected under high temperature [35]. The Schmid factor M is defined by the
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equation M = cosλ·cosϕ, λ being the angle between the stress direction and the slip
direction, and ϕ being the angle between the stress direction and the slip plane [36]. The
Schmid factor is employed to predict the activated slip system under the particular stress
condition associated with the crystallographic orientation of the crystal [37]. Table 3.2 lists
the Schmid factors for the easy slip systems in the single magnesium when the stresses are
applied along the [1" 100], [0001] and [1" 1" 20] respectively.
Table 3.2 Schmid factors associated with basal and prismatic 〈a〉 slip under compression
(C) along the X, Y, and Z-axes in the Mg layer.
C//X

C//Y

C//Z

(0001)〈12" 10〉
(0001)〈21" 1" 0〉

0

0

0

0

0

0

(0001)〈112" 0〉
(101" 0)〈12" 10〉

0

0

0

0.433

0

0.433

0

0

0

0.433

0

0.433

(1" 100)〈112" 0〉
(011" 0)〈21" 1" 0〉

From the results, it can be seen that the Schmid factors for the basal slip are zero for
the all three stresses, leading to the conclusion that the slips on the basal plane are
impossible with respect to the applied stresses. The Schmid factor with a positive value
indicates that the materials along the stress direction will be elongated and the tensile stress
will be accommodated. Most importantly, the higher value of Schmid factors indicates the
much more easily activated slip systems. From the table, it can be seen that there are only
four conditions the slip will be activated, whose Schmid factors value are conducted by the
relation cos 30° · cos 60° ≈0.433 which are consistent with the previous studies [35].
Therefore, a contradiction for activated slips systems associated with the particular
stress condition exists, which is that two criteria, active slip system and great Schmid factor,
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cannot be fulfilled at the same time. The basal (0001)〈12" 10〉 slip cannot be activated as
there is no force motivating this basal slip, while the non-basal {101" 0}〈12" 10〉 slip is
constrained by its hard slip nature at the room temperature. Consequently, slip transmission
is not preferred in the Mg layer under the specific loading condition.
3.2 Interface Facilitated Crystal Reorientation of Mg Multilayers in Mg-Nb
Multilayers
Another primary mechanism in metals is deformation twinning [38, 39]. To study
the twinning process and mechanisms in Mg/Nb multilayers, plastic deformations were
performed. When the loading acted on the multilayers, {101" 2} twinning in the Mg layers
was mechanically favored. In this section, the simulation method was first introduced, and
the related phenomenon was described. Then the mechanism of nucleation, propagation,
and growth was analyzed in detail. In the final part, the effect of twinning on mechanical
behavior was discussed.
3.2.1 Atomistic simulations on {101" 2} twinning in Mg layers
With the goal to simulate the twinning process during deformation, molecular
dynamics (MD) simulation was employed. In this method, the interface with NW
orientation was selected between two possible orientation relationships as mentioned in the
Section 2.1.2. The model, shown in Figure 3.2, was constructed with “sandwich” structure,
alignment of Nb/Mg/Nb layers was in the direction perpendicular to the interface, where
green and red colors the Mg and Nb layers respectively. In this model, there were two
interfaces in the coordinate with x -axis along [11" 00]Mg //[110]Nb and z -axis along
[1" 1" 20]Mg //[001]Nb. The y-axis, along [0001] direction in Mg and [1"10] direction in Nb,
was perpendicular to the interface plane with (0001)Mg //(1" 10)Nb . The periodic dimensions
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were 35.5 nm for the x-axis and 9.9 nm for the z-axis within the interface. For the yaxis, the height of each Nb layer was 6.4 nm, and the Mg layer was 5.6 nm. All three axes
adopted periodic boundary condition. The structure was relaxed at T = 5 K until the
maximum force applying to each atom was no more than 5×10-6 N. After relaxation, the
equilibrium and relaxed structure containing interfaces with dislocation structures were
conducted which has been discussed in the Section 2.3.2.2. Then the stable model was
deformed by uniaxial loading with a constant strain rate ε̇ 11 = -2.5×108 /s along the xdirection during simulation, labeled as red arrow in Figure 3.2. Moreover, the uniaxial
compression stress state was obtained by using dynamic boundary conditions [40]. The
whole deformation process was then simulated at T = 300 K by using the Nose-Hoover
thermal bath. [41]

Figure 3.2 The unrelaxed Nb/Mg/Nb sandwich model.
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The twinning process during deformation is illustrated in Figure 3.3, where atoms
are colored based on corresponding excess potential energy; the blue region represents the
atoms with the lowest excess potential energy, and the red region represents the atoms with
the highest excess potential energy. Compression was applied along the x-axis.

Figure 3.3 Twin nucleation and propagation in Mg layer.
For deformation process, it could be noticed that when the strain εqq was -4.75 %
(see Figure 3.3(a)), the stage was before the twin nucleation and there was no twinning
formed in the model. When the strain εqq increased to be -5 % (see Figure 3.3(b)), the
first twin nucleated and the nucleus were observed at the upper Mg/Nb interface. With
further compression, this twin nucleus grew downward (see Figure 3.3(c)) until it touched
the bottom Mg/Nb interface. Afterward, the twin grew laterally. When the strain εqq
reached -5.5 % (see Figure 3.3(d)), the second twin nucleated at the upper Mg/Nb
interface. When the strain εqq was -6.25 %, two twins coalesced and the twinning process
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for the entire Mg layer was completed, as is shown in Figure 3.3(f). Interestingly, in the
fully twinned Mg, two FCC stackings (marked as red dashed lines in Figure 3.2(f)) formed
due to the emission of two partial dislocations.
From the comparison between the fully twinned structure and the untwined structure,
it was interesting to find that the Mg layer rotated 90° about the z-axis. The atomic plane
in the Mg layer parallel to the interface changed from the basal plane (0001) to the
prismatic plane {101" 0} and the resulting Mg/Nb interface remained flat. From the
twinning process observed, it also could be concluded that the twinning mechanism was
different from the twinning in single Mg crystal, where local twin shear was generated [42].
Figure 3.4 gives a close look at the nucleation site of the {101" 2} twin nucleus. In
Figure 3.4(a), red arrows show two nucleation sites in the hree-dimensional view. These
two sites were depicted by the red ellipses in Figure 3.4(b) within the Mg/Nb interface.

Figure 3.4 Nucleation sites for twin nucleus. (a) Nucleation cite in three-dimensional
view; (b) Planar view of nucleation cites on Mg/Nb interface.
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It was clear that the twin nucleated near the interface dislocation line, around which
there was a relatively large stress concentration [43, 44]. Figure 3.5 shows the nucleation,
propagation, and growth process of a single twin in a three-dimensional view. In order to
observe the process clearly, the model was rotated 180° about the z-axis. Figure 3.5(a) and
(b) show a single twin nucleus at the Mg/Nb interface. Figure 3.5(c) displays the
penetration of the twin in the z-direction and Figure 3.5(d) shows the propagation/growth
process in x and y-directions after the twin touched the other side of Mg/Nb interface.

Figure 3.5 Nucleation process for a twin nucleus. (a) and (b) Beginning stage of the twin
nucleation; (c) Penetration process in the z-direction; (d) Propagation/growth process in
the x and y-directions after the penetration process.
It was found that the twin nucleus was surrounded by BP/PB interfaces along the x
and y -directions and T-PP1 interfaces along the z -direction. BP/PB interfaces were
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defined as the interface with the basal plane (0001) in the matrix parallel to the prismatic
plane {101" 0} in the twin or the prismatic plane {101" 0} in the matrix parallel to the basal
plane (0001) in the twin [45]. T-PP1 interfaces were defined as the interfaces with one
pyramidal plane {1" 101} in the matrix parallel to other pyramidal plane {101" 1" } in the
twin [46]. In Figure 3.5(c), the propagation/growth rates of twin in three directions were
different. In the z-direction, propagation was faster leading to the quick penetration of
twinning into the Mg layer when compared to the growth rate in the other two directions.
Both in the x and y directions, twins propagated/grew by the migration of PB/BP
interfaces and there was no significant difference of propagation/growth rate between them.
After the twin reached another Mg/Nb interface, the propagation/growth was accomplished
as shown in Figure 3.5(d), during which the twinning process was mainly achieved by the
migration of BP interfaces.
3.2.2 Nucleation mechanisms in Mg/Nb multilayers
Based on the analysis above, it was shown that the first twin nucleated from the
Mg/Nb interface under the condition of ε11 = -5 % at the incipient stage, associated with
BP and T-PP1 interfaces. The interface energy of the BP interface and T-PP1 interface
were conducted to be 87 mJ/m2 and 98 mJ/m2 respectively, both of which are lower than
those of coherent twin boundary (CTB, 132 mJ/m2 ) and T-PP2 (108 mJ/m2 ). The CTB
represented a boundary with the orientation that neighboring atoms could match up
perfectly across a twin boundary that coincides with the twinning plane of the other crystals
[47]. The T-PP2 was referred to the interfaces with one pyramidal plane {2" 110} in the
matrix parallel to another pyramidal plane {21" 1" 0} in the twin [46].
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The relative displacements of atoms on a single (1" 1" 20) plane are shown in Figure
3.6. Figure 3.6(a) shows the atomic structure in the Mg layer when εqq is -5 % and
Figure 3.6(b) illustrates the relative displacements of atoms in Figure 3.6(a) relative to
the atomic positions in Figure 3.3(a). Figure 3.6(c) and (d) display the atomic structure
and the atoms’ relative displacements when ε11 is -5.25 %. Figure 3.6(e) gives a closer
look for the atom shuffling which is derived from the Figure 3.6(d).

Figure 3.6 Twin nucleation process from Mg/Nb interface. (a) Atoms’ positions and (b)
the relative displacements when ε11 is -5 %; (c) Atoms’ positions and (d) the relative
displacements when ε11 is -5.25 %; (e) A close look of relative displacements derived
from (d).
It could be noticed that the twin nucleation process was accomplished by atom
shuffling under the condition that ε11 = -5 % . With further loading, the twin grew
downward and laterally. The displacement analysis in Figure 3.6(d) and (e) also indicated
the atomic shuffling during the twinning process. From these figures, it could be obviously
seen that shuffling existed only in the Mg layer and there was no atomic displacement in
Nb. The position change of atoms in Figure 3.7(a) derived from part of Figure 3.6(e)
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provides a more detailed analysis of atomic shuffling during twinning. In this figure, the
open shapes represent initial atomic positions before twinning, and filled shapes represent
ideal atomic positions in the twinned structure. The arrows represent the shuffle vectors on
each atom during twinning. The atoms A, B, C, D, and E are on the same (1" 1" 20) plane
while the atoms I, J, K, L, and M are on another (1" 1" 20) plane. Figure 3.7(b) and 3.7(c)
illustrate the atomic location in the matrix and twin respectively, which helped to determine
the displacements for each atom.

Figure 3.7 Atoms’ positions before and after the twinning process. (a) Detailed analysis
of atomic shuffling during twinning; (b) and (c) Atomic locations in the matrix and twin.
It was found that atom E did not migrate (s1 ) and atoms A, B, C, and D followed
shuffle vector s2 to the new positions in order to form (1" 1" 20) plane in the twin
orientation. Atom M moved horizontally (s3 ) and atoms I, J, K, and L underwent shuffle
vector s4 . After the twinning process in which the other four atoms shuffled to new
positions, a new (1" 1" 20) plane in twin orientation was formed. The shuffling vectors were
defined as: (1). s1 = (0, 0, 0) ; (2). s2 = (c-√3a, √3a-c, 0); (3). s3 = Mc-√3a, 0, 0N; and
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(4). s4 = (0, √3a-c, 0) . Nucleation of the twin nucleus followed the pure-shuffle
mechanism [48], and this mechanism was well recognized by the community [49].
As shown in Figure 3.4, twins always tended to nucleate at the interface near the
interfacial dislocation line, which could be explained by the following two reasons. Firstly,
within the x-z plane the atoms in the twin (see Figure 3.8(a)) were equivalent with atoms
located at the “unstable” stacking faulted sites on the basal plane (see 3.8(b)). It also could
be noticed that compared with the stacking fault energy of Mg interior layer (51.3 mJ/m^2,
SF2 in Figure 3.8(c)), the “unstable” stacking fault energy in the strained Mg/Nb system
(ε11 = -4.75 % in Figure 3.3(a)) at Mg2/Mg3 (SF1 in Figure 3.8(c)) had a lower value
(30.3 mJ/m2 ), implying that twinning preferred to initiate from the Mg/Nb interface.
Secondly, the region near the interfacial dislocations shown in Figure 3.8(d) was under a
significant local stress concentration due to the lattice distortion caused by the dislocation
core structure. In this region, twins, thermodynamically, had a great chance to nucleate.
Two interfaces are of interest during the nucleation process, the Mg/Nb interface and
Mg1/Mg2 interface as marked in Figure 3.6(e). Figure 3.9 illustrates the structures of
interfacial dislocations under loading condition and before the twins nucleation. Figure
3.9(a) shows the initial NW Mg/Nb interface consisting of three set of partial dislocations
(b1 , b2 , and b3 ), which have been demonstrated in the Section 2.3.1 [1], and Figure 3.9(b)
displays the final positions of interface dislocations. The migration of interface dislocations
during the compression and the detailed disregistry analysis for the new Mg/Nb interface
is presented in Figure 3.9(c), where the black dash lines represent the initial structure of
misfit dislocations, the solid lines represent the final structure of misfit dislocations.
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Figure 3.8 Detailed atomic structures in the matrix and twin. (a) Atomic stacking in the
matrix and twin; (b) Equivalent atoms’ position as (a); (c) The interfaces of stacking
fault; (d) Partial dislocation for twinning nucleation at Mg1/Mg2 interface.

Figure 3.9 Structures of interfacial dislocations under load and before twin nucleation.
(a) Dislocation structure within the initial NW Mg/Nb interface; (b) New dislocation
structure after compression; (c) Migration of misfit dislocations between (a) and (b).
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From the analysis, it was concluded that compressive strain promoted slight
migration of two inclined dislocations (b2 and b3 ), while b1 stayed at the initial position.
The disregistry analysis [50] exhibited the dislocation migration within the interfaces from
ε11 = 0 to ε11 = -4.75 %, leading to the result that the interfacial dislocations at the Mg/Nb
interface were stable under compressive loading.
3.2.3 Propagation and growth mechanisms in Nb/Mg multilayers
The propagation and growth of twins in bulk Mg were well studied in both
experiments [7, 51] and simulations [42, 52, 53]. It was widely accepted that the
propagation and growth followed the shear-shuffle mechanism [48]. The propagation was
accomplished by gilding twinning dislocations along zonal and twinning directions while
the growth was achieved by continuous nucleation of twinning dislocation loops on
existing normal-TBs. In this way, twinning was accomplished by the migration of BP/PB
interfaces along the twinning direction and CTB along the twin normal direction. If the
twinning mechanism in Mg/Nb multilayers follows the shear-shuffle mechanism, large
localized shear stress concentrations will accumulate at the Mg/Nb interface and efficiently
induce instability within the system, which lowers the mechanical properties of the material.
During the simulation about twinning in Mg/Nb multilayers, the twin quickly penetrated
the model along the z-direction and propagated/grew with the migration of the BP interface
along the x-direction, as shown in Figure 3.5. This operation is called BP transformation,
which is a non-localized twinning operation. It is accomplished by the motion of
disconnections on BP/PB interfaces. Typically, when the lattice in the matrix and twin are
coherent or nearly coherent, BP transformation occurs so that the elastic energy within the
system can be lowered. The compressive loading in the simulation gradually removed the
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-6.24 % mismatch strain in the x-direction. BP transformation, as an alternative twinning
operation other than shear-shuffle operation, was first observed by Ostapovets and Serra
[54]. Based on their analysis, there were two types of one-layer bI disconnections and the
Burgers vector of a two-layer bII disconnection noticed, which were all related to
twinning nucleation. The two-layer bII disconnection could be formed by the sum of two
types of bI disconnections. The Burgers vectors of these disconnections were given in the
coordinates defined in section 3.3.1 in which
⎡κ-√3 a⎤
⎢ 2 ⎥
baI = ⎢ √3 ⎥ ;
⎢ 6 a ⎥
⎣ 0 ⎦

bII =

baI +bbI

⎡κ-√3 a⎤
⎢ 2 ⎥
bbI = ⎢ √3 ⎥ ;
⎢- 6 a⎥
⎣ 0 ⎦
Mκ-√3Na
= 8 0 :.
0

Wang et al. [45], with MD simulation, proved that BP transformation via the glide
of baI and bbI disconnections was unlikely to occur because of the opposite sign between
two Burgers vectors along the y-direction and the easy activation of basal 〈a〉 dislocation
under corresponding shear stress. They also showed that BP transformation was
accomplished by a climb of bII under compressive loading normal to the BP/PB interface.
For the Mg/Nb model in section 3.3.1, the loading applying to the multilayers was the same
as that in Wang’s simulation, making BP transformation via a climb of two-layer
disconnections bII possible. During the transformation process, two-layer disconnections
𝐛𝐈𝐈 on the BP interface were easily found. Moreover, a small thickness of the Mg layer
guaranteed the coherency of the BP interface, facilitating fast migration of BP boundaries.
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Meanwhile, the length of the BP interface was large. As shown in Figure 3.4(b), two partial
dislocations were emitted from the Mg/Nb interfaces, leaving the misfit dislocations behind.
Consequently, the emission of partial dislocations lowered the elastic energy within the
system.
To study the stability of the Mg/Nb interface during deformation, the atomic
structures before and after twinning were compared. Figure 3.10 showed the co-existence
of matrix and twin in the Mg layer. The glowing black line separates the matrix and twin
location domains. Figure 3.10(b), (c) and (d) display the interface structures for Nb1/Mg1,
Mg1/Mg2, and Mg2/Mg3, respectively. For both the Nb1/Mg1 and the Mg1/Mg2
interfaces, the interface structures within the untwined regions are the same as those within
the twinned regions. Most importantly, interface structures for both Nb1/Mg1 and
Mg1/Mg2 did not change during the twinning process. And it indicated that the complex
dislocation network, developing between Mg1 and Mg2 atomic layers, was stable once
formed. Figure 3.10(d) suggests that the Mg2 and Mg3 atomic layers vertically stacked
with HCP structure in either matrix or twin without defects. From the analyses shown
above, it could be concluded that the Mg/Nb interface was stable during compression.
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Figure 3.10 Comparison of interface structures at matrix and twin regions. (a) Multiple
interfaces within the structure; (b) Nb1/Mg1 interface structure; (c) Mg1/Mg2 interface
structure; (d) Mg2/Mg3 interface structure.
3.2.4 Mechanical properties affected by twinning
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Experimental studies showed that deformation twinning in Mg becomes less active
when the grain size of Mg was reduced to a particular length scale (< 1 μm) [55, 56]. Such
a puzzle was explained by MD simulations which showed that twin nucleation occurred
with a critical volume and was accomplished via pure-shuffle mechanisms that were
different from dislocation glide mechanisms in the cubic structure. In this simulation, large
strains within the Mg layers and back stresses resulting from adjacent layers were induced
for the nucleation of twins in Mg while the thickness of single layer was on more than 500
nm in the Mg/Nb multilayers, which acted a remarkable role in raising the resistance for
twinning in the Mg layers. Besides, both of the existence of a minimum dimension of a
stable twin nucleus and the twinning inducing back stress in the adjacent layers indicated
that there should be a critical layer thickness (h), below which, twinning was less active
in Mg.
Due to the existence of interfaces, twinning was forced to follow BP transformation.
Because of the crystallography of the twin, the resolved shear stress τCTB on the twin
plane, favoring twinning process, was generated by the normal stress σBP applied, where
the resolved shear stress τCTB was approximately equal to the half of normal stress σBP .
Compared with the critical twinning shear stress required in the bulk sample (about
20-40 MPa), the critical normal stress for BP transformation (about 230-280 MPa) and
corresponding resolved shear stress (about 115-140 MPa) were much higher, leading to
the increases of the yield strength for deformation. Besides, the strain hardening rate
associated with the migration of BP interfaces was measured to be 3-4 GPa, which was
dramatically higher than that for twinning shear mechanisms in the bulk sample (a few
MPa) [57]. Based on the BP transformation mechanism, misfit dislocations affiliated with
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lattice dislocation with Burges vector 〈a〉 along the BP interface nucleating were formed
when the interfaces were long enough. With increasing the length of the BP interface, these
misfit dislocations removed the coherency stress along the interfaces, which was caused
by 6.5 % mismatch strain. The nucleated dislocations glided into the matrix on the basal
plane, and the residual as a misfit dislocation was left on the BP interface. When the twin
domain was within a bulk sample, the shear stress on the basal plane was required to emit
the 〈a〉 dislocations from the BP interface into the matrix. When the tensile stress along
the 〈c〉 direction was applied to the sample, there was no shear stress along the basal plane.
The glide of 〈a〉 dislocation into the matrix was unfavorable. However, when the sample
was small and surrounded with free surfaces, the image force would move 〈a〉 dislocation
out of the structure, promoting the formation of misfit dislocations on BP interfaces. The
residual 〈a〉 dislocation (misfit dislocation) would impede the BP interface migration,
resulting in the creation of high strain-hardening rate.
In summary, for Mg/Nb multilayers under tension stress along the 〈c〉 direction or
compressive stress along the 〈a+a〉 direction in an Mg layer, twinning is the preferred
deformation mode for Mg as the Schmid factor for basal 〈a〉 is zero. Three factors are
contributing to the mechanical properties such as strain rate of the material and yield
strength. (1) Limited thickness of Mg layers makes twinning relatively hard, which
increases the yield strength. Once twins nucleate, large strains and back stresses are
induced in the adjacent layers and will cause a significant strain hardening rate. (2) The
critical normal stress for BP transformation is much larger than the critical shear stress
accompanying with the shear-shuffle operation, increasing the yield strength. The strain
hardening rate associated with BP migration is much larger than that associated with the
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twinning shear mechanism. (3) The formation of misfit dislocations on BP interfaces will
hinder the migration of BP interfaces and responsible for the strain hardening rate.
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Chapter 4 Conclusion
For the purpose of improving the properties of the ductility and strength in Mg, highdensity of interfaces were introduced into Mg to form Mg/Nb multilayers. Based on the
previous study on the interface dislocation structure within the interface, the deformation
mechanism under a particular loading condition was investigated.
In this study, the MD simulation with Mg and Nb empirical potentials was employed.
A Nb/Mg/Nb sandwich model with NW orientation relationship was constructed to study
the deformation mechanism, where [1" 100]Mg ∕∕ [110]Nb were along x -direction,
[1" 1" 20]Mg ∕∕ [001]Nb were along z-direction, and [0001]Mg ∕∕ [1" 10]Nb were along ydirection. Then uniaxial loading with a constant strain rate ε̇ 11 = -2.5×108 /s was applied to
the stable model along the x-direction under the condition T = 300 K.
Consequently, the {101" 2} twinning process within the Mg layer was activated. From
the twinning process, the twin was found to nucleate near the pre-existing interfacial
dislocation lines on the Mg/Nb interface when the strain ε11 was -5 %. And the nucleus,
enclosed by BP/PB and T-PP1 interfaces due to their relatively low interface energy, was
formed by following the well-accepted pure-shuffle mechanism. Moreover, during the
nucleation process, there was a slight migration of interfacial dislocations at the Mg/Nb
interface. However, the interface dislocation structure within Mg/Nb interface remained
stable even the new Mg1/Mg2 interface was facilitated under the compressive loading near
the Mg/Nb interface. Then, the mechanism for propagation/growth of {1012" } twin within
the Mg layer were carried out by BP transformation, which was achieved by a climb of
two-layer disconnections on the BP/PB interface. This operation transformed prismatic
planes in the matrix to basal planes in the twin, promoting the migration of the BP boundary.
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During the BP transformation, no localized stress was generated. The interface was stable,
and the interfacial structure was unchanged after the Mg layer was fully twinned.
The mechanical properties of Mg were, theoretically, tested to be improved, based
on three reasons. (1) The enormous strains and back stress induced from the adjacent Mg
layers made twinning relatively hard and then increased the strain hardening rate. (2)
Compared to the shear-shuffle mechanism, propagation/growth mechanism by BP
migration required more stress, leading to the increase of the yield strength. (3) The
migration of BP interfaces was impeded by the formation of misfit dislocations within the
interfaces so that higher strain hardening rate was needed.
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